Effects of surface deactivation of carbon black on thermo-mechanical softening of filler networks in rubber compounds
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Introduction
Reinforcement of rubber by particle fillers such as carbon black (CB) and precipitated silicas is an important, yet incompletely understood phenomenon. Attempts to explain reinforcement from a continuum mechanics, hydrodynamic standpoint ultimately fail due to the formation of a 'network' of filler particles within the rubber matrix at commercially relevant particle concentrations.
Reinforcement and filler networking: The onset of filler networking in rubber induces a strain dependence of the dynamic moduli (Payne effect) which is highly temperature dependent and which can be correlated with the performance of rubber components such as the passenger tyre. Figure 1 is reproduced from a previous publication and demonstrates that the linear viscoelastic storage modulus, and therefore the magnitude of the Payne effect, decreases dramatically with increasing temperature. This effect - which results from the temperature sensitivity of the filler network - essentially masks the characteristic entropic elasticity of the rubber matrix (inset in Figure 1).

Figure 1: Temperature dependence of the real part of the Payne effect for NR filled with 20 % volume N330 carbon black and crosslinked with 2 phr dicumyl peroxide. Each strain sweep was collected under isothermal conditions at a deformation frequency of 1 Hz. The lowest temperature strain sweep is taken at roughly 20 K above the rubber Tg. The data plotted here is the result after 5 preconditioning cycles. Inset: the small strain dynamic tensile modulus plotted versus temperature, illustrating the masking of entropy elasticity by the filler network.

Two questions arise from these observations: (1) what is the physical basis for the 'filler network'?, and consequently (2) what is the mechanism of strain-induced disruption of the filler network? The answers to these questions are still the subject of some significant debate in the elastomer community.
It has been suggested that the filler network is comprised of aggregates in direct contact within the rubber matrix (ref) or as a particle network connected through Van der Waals interactions [1] and hydrogen bonding for the case of silica aggregates [2]. Another hypothesis is that the filler network is comprised of aggregates connected by surface-immobilised rubber which mediates stress transfer throughout the network [3, 4]. The Payne effect is therefore seen in each case as a reversible breakup and reformation of the network present at small strains. Micromechanical models addressing the strain dependent breakdown and reformation of particle networks in rubber have been reviewed in detail elsewhere [5].Recent attempts have also been made to relate the breakup and reformation of the aggregate network to the broader phenomenon of the jamming transition [6, 7]. Additionally, a totally different physical explanation of the Payne effect has also been proposed which relates the strain dependence of the dynamic moduli not to the dynamics of a particle network but to the slippage or desorption of polymer chains at the interface between filler and matrix [8-11].
Carbon black surface activity in relation to reinforcement: Most tyre tread grade reinforcing CBs have an aggregated, pseudo-fractal morphology [12] with a highly heterogeneous surface energy distribution [12-14]. This heterogeneity arises from the presence of amorphous carbon, low energy graphitic crystal planes, and high energy crystal edges and chemical functionality at the aggregate surface. The presence of high energy sites and chemical functionality at the surface of commercial CB is key to the reinforcing ability of the CB (although the exact role of chemical versus physical interaction of rubber polymer with the CB surface in reinforcement has yet to be determined). Removal of high energy sites and chemical functionality can be achieved by thermal treatment (graphitisation) which renders the surface of the CB energetically homogeneous. Graphitisation has proved a popular tool for examining the role of the polymer-filler interaction in the reinforcement of rubber. Post graphitisation there is conclusive evidence that the affinity of rubber polymer for the surface of the graphitised CB (hereafter gCB) is dramatically reduced (refs). This is apparent in the many studies reported on the finite strain behaviour of gCB filled rubbers, however comparatively little attention has been paid to the small strain mechanics of such compounds. Studies on the rheology of uncrosslinked and crosslinked rubbers filled with various CBs and gCBs have demonstrated that graphitisation results in increased rates and magnitude of aggregate flocculation [15, 16]. The inference from this is that while graphitisation reduces the polymer-filler interaction thereby reducing the effective Brownian drag of rubber chains on the aggregate surface, sufficient aggregate-aggregate interactions remain to drive the dynamic flocculation process. The net result of these effects is a more flocculated small strain filler network developed during the thermal crosslinking process [3, 15]. In this paper we contrast the small strain filler networks of unmodified and graphitised carbon black reinforced natural rubber (NR) in terms of their mechanical and thermal fragility.


Materials and Methods
Sample preparation: CBs used in this study were typical passenger tread grade carbon blacks; N330 and N134. In addition to the unmodified, commercial CBs, samples of CB were thermally deactivated (graphitised) by heating to 1250 °C in a tube furnace under an inert atmosphere. Key physicochemical properties of the carbon blacks are reproduced in Table I from a more extensive study published elsewhere. The rubber used was SMR CV(60) grade natural rubber (NR) obtained from the Tun Abdul Razak Research Centre, Hertfordshire, UK. Masterbatch materials were compounded in a Banbury-type internal mixer for sufficient time to obtain an optimised dispersion of each type of CB (total mix time of 7 minutes). All compounds were prepared to a filler volume fraction of 0.20 which is above the dc percolation threshold for each material [15]. Curative was added after internalto the masterbatches mixing on a Carter laboratory 2-roll mill. The compounds were crosslinked using 2 phr dicumyl peroxide (DCP) and compression moulded into appropriate sample geometries. Samples were crosslinked at a plate temperature of 150 for 100 minutes at 20 bar pressure. This time-temperature combination results in >96% complete reaction of peroxide in each material.

Table I: Physicochemical properties of the carbon blacks. Values reproduced from [15]
	Carbon Black
	N2 Surface Area / m2.g-1
	Average aggregate diametera / nm
	dc percolation volume fraction
	Average surface free energy / mJ.m2

	N134
	134
	70
	0.094
	39.1

	N134g
	136
	-
	0.007
	5.2

	N330
	78
	133
	0.135
	19.0

	N330g
	78
	-
	0.042
	1.6


a) average spherical aggregate diameter from disk centrifuge photosedimentometry [12] 

Carbon black morphology and dispersion: TEM images of filler aggregates prior to compounding with rubber were taken on a JEOL 2010 TEM by dispersing CB samples at low concentration in ethanol and the dipping a TEM grid into the suspension. Ethanol was evaporated and the aggregates were imaged at various levels of magnification. After compounding with rubber the state of filler microdispersion was qualitatively assessed by examining cryogenic fracture surfaces of samples on an FEI Inspect SEM using secondary electron imaging. 
Compound rheology: Rheology experiments were performed on uncrosslinked compounds in the absence of curatives to evaluate the effect of CB surface deactivation on the filler network. An Alpha Technologies Rubber Process Analyser (RPA) was used to probe the time dependence of structure breakdown and recovery in the uncrosslinked melt. Plate temperatures were set at 150 °C and the samples were loaded into the test chamber. A no shear step of 15 minutes was performed during which the samples could recover from the initial shear experienced when from being loadeding into the chamber. Dynamic deformations of increasing peak strain (logarithmically spaced between 0.3% and 10% dynamic strain) were then applied to the sample at a frequency of 1 Hz. The sample was held at each dynamic strain for a period of 5 minutes before measurement of the dynamic moduli. The reverse procedure was then performed (by reducing the strain from 10% to -0.3% dynamic strain).
DMA Strain Sweeps: Strain sweeps were performed on crosslinked samples in a tensile deformation mode using. on the same DMA equipment. The dynamic strain was ramped logarithmically from 0.01 % to 10 % at a temperature of 25 °C. The strain sweep was repeated 5 times in order to observe any cyclic softening in the materials
Linear viscoelastic characterisation: Linear viscoelastic dynamic mechanical properties were characterised using free vibration equipment. This type of measurement allows for very precise determination of material dynamic properties at very small strains [17-19]. In this investigation a custom torsion pendulum was built and suitably calibrated (see supplementary materials). The pendulum was designed to operate inside an Instron Environmental Test Chamber (ETC) where the temperature could be systematically and precisely varied and maintained. Cylindrical specimens (6 mm radius, 150 mm height) were excited by a small torsional deformation and the characteristic decay in vibration amplitude was recorded using a non-contact displacement sensor. Typical data is presented in Figure 2 and can be analysed using Equations 1-3 in order to extract values for linear viscoelastic tan δ, storage and loss moduli. 

Figure 2: Two typical dynamic damped oscillation data traces from the torsion pendulum showing differences in the dynamic response of a compounds depending on test temperature. The output voltage from the non-contact sensor is proportional to the displacement. Note that the T-Tg = 55 K trace has been offset by +4.5 V
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Where  is the logarithmic decrement between successive oscillations,  in the value of oscillation ,  is the peak value of oscillation ,  is the inertia of pendulum, is the frequency of oscillation and  is the sample cylinder radius.
The determination of the pendulum inertia, , is detailed in supplementary materials. Cylindrical samples were loaded into the pendulum and held isothermally for 1 hour at 100 °C. During this time the dynamic properties of the materials were monitored to ensure no time dependence arose from initial handling and installation of the specimens. Dynamic properties were then measured in temperature steps of -10 °C, with the specimens being held isothermal at each required temperature for 40 minutes prior to measurement. Data was recorded down to -20 °C. The strain range of evaluation was in the range of 0.001-0.001 % shear strain. As the strain field in a cylinder under torsion is non-uniform, this figure is reported for strains evident at the edge of the sample cylinder. This strain range is well below the limit of linear viscoelasticity (onset strain of the Payne effect) which was determined from DMA strain sweep data to be around 0.1 % strain. Linear viscoelastic measurements were confirmed in each case by plotting the calculated tan δ values calculated from each oscillation, versus the peak strain of each oscillation. No strain dependence of tan δ was observed during data collection.


Results and Discussion
Carbon black morphology and dispersion: TEM images of the various CB aggregates are presented in Figure 3. As can be seen there is little qualitative change to the branched aggregate structure of the aggregates post graphitisation - in line with physicochemical data presented in Table I. Fracture SEM images presented in Figure 4 show little qualitative difference in microdispersion state between CB and gCB filled compounds. Note that here the term microdispersion is used to refer to  poorly dispersed micrometer-sized agglomerates of filler.

Figure 3: TEM images of carbon black aggregates pre and post graphitisation


Figure 4: Secondary electron images of cryogenic fracture surfaces of the crosslinked rubber compounds

Compound rheology: data from RPA tests are shown for the N330-based compounds in Figure 5. Graphitisation of the CB results in a dramatically increased small strain modulus which is indicative of either poor dispersion of filler or a dispersed but subsequently flocculated filler network. Due to the intensive mixing procedure and SEM analysis confirming a good microdisperison of CB in all compounds, it is possible to rule out poor dispersion of the gCB. The increased small strain modulus is indicative of a more rapid and extensive flocculation of filler particles during thermal processing (crosslinking) of the materials. Significant dynamic strain history (apparent damage to the filler network) is also observed upon graphitisation of CB which is indicated by the shaded area between increasing and decreasing strain data.

Figure 5: Example of RPA iso-strain stepped strain sweeps rheology data for the N330-based compounds. 

Strain dependence: strain sweep data for the compounds are presented in Figure 6A. Again an increased small strain moduli is observed upon graphitisation of the CB - in line with rheology observed in the uncrosslinked compounds. Figure 6B suitably normalises the storage and loss moduli in order to emphasise differences between the compound dynamics. It is clear that the onset of non-linear strain dependence of the moduli is shifted to smaller strains upon graphitisation of the CB. This is accompanied by a shifting of the peak in loss modulus to smaller strains and a relative increase in the magnitude of energy dissipation during the strain sweep. 


Figure 6: (A) Dynamic moduli versus dynamic tensile strain. (B) Normalised moduli versus dynamic tensile strain

Temperature dependence of linear viscoelastic properties: linear viscoelastic tan δ values for the compounds are plotted versus a scaled temperature axis in Figure 7A. The temperature is scaled to the Tg of the unfilled compound determined by DSC [20]. All tan δ values for the filled compounds in this thermal region are significantly larger than those of the unfilled compound. This indicates that the dynamics of the filled compounds cannot be completely described by the dynamics of the unfilled rubber - a breakdown of hydrodynamic reinforcement mechanisms. This issue has been discussed in detail in a separate publication (ref hydrodynamics paper with Richard). 
Graphitisation of CB results in a two distinct modifications to the tan δ data trends. First, at low temperatures approaching the Tg of the material, the tan δ values for gCB filled materials are significantly reduced versus the unmodified counterparts. Second, as the temperature increases beyond approximately T-Tg = 100 K we observe a gradual rise in the measured tan δ values of the gCB filled compounds. These two observations are indicated by the arrows in Figure 7A.
Interpretation of tan δ trends by themselves is problematic since tan δ is a function of two material variables [21, 22]. It is therefore necessary to examine the temperature dependence of the separate dynamic moduli. Dynamic storage and loss moduli are presented in Figure 7B and C respectively. Graphitisation of the CB significantly increases the storage and loss moduli versus their unmodified counterparts. The magnitude of the relative increase, G(gCB)/G(CB), seems to be greater for the storage moduli than for the loss moduli. To examine this in more detail, the relative increase of the moduli following graphitisation is calculated and plotted as a function of scaled temperature in Figure 7D. By doing this the observed trends in the tan δ data can be rationalised in terms of the relative temperature dependence of the dynamic moduli. Figure 7D shows that gCB networks have increased dynamic moduli, G' and G'', versus unmodified CB networks but to differing extents. At temperatures approaching the Tg the storage modulus of the gCB filled compounds are dramatically amplified (related to the more flocculated filler network) versus the CB filled compounds. The corresponding loss moduli are amplified by a significantly smaller factor meaning that tan δ measured at low temperatures is significantly reduced versus the CB-filled materials (since ). As temperature increases we observe a very different thermal dependence of the moduli. gCB filled compounds exhibit a more rapid decay in storage moduli and an increase in loss moduli relative to the unmodified CB filled compounds; to the extent that the relative moduli values, G(gCB)/G(CB), actually cross over at roughly T-Tg = 175 K. This results in the upturn in tan δ observed in gCB filled compounds at elevated temperatures. Other examples of secondary increases or peaks in tan δd at temperatures above the Tg can be found in the rubber literature for various crosslinked rubber-filler combinations but often lack a definitive explanation [3, 23-25]. An exception to this is the case studied by Robertson et al. [21] of secondary increases in tan δd above the Tg in uncrosslinked particle filled rubbers. In this case, apparent secondary tan δd peaks are the result of frustrated terminal flow of the polymer. This is distinct from the issue studied in this paper since our these materials are fully crosslinked - therefore the terminal relaxation should be completely suppressed.  We propose that in this case the secondary rise in tand tan δ originates from a drastic thermal softening of the filler network.
It is apparent from Figure 7D that the graphitisation of CB results in a more flocculated filler network in rubber compounds which is far more thermally sensitive than that of corresponding unmodified CB. Even at small strains, well below the onset of the Payne effect, a modest increase in temperature results in dramatic softening of the filler network and a significant dissipation of mechanical energy versus the unmodified CB counterpart. 




Figure 7: (A) Linear viscoelastic tan δd versus temperature scaled to the Tg of the rubber. (B) Storage moduli versus scaled temperature. (C) Loss moduli versus scaled temperature. (D) Relative moduli of gCB versus CB as a function of scaled temperature

Microstructural interpretations: the more flocculated filler networks evident in gCB filled compounds have been studied previously [15] and are the result of an increase in the rate and magnitude of aggregate flocculation during thermal processing which is related to a decreased polymer-filler interaction while maintaining an appreciable filler-filler interaction as discussed in the introduction. Of more significance here is the observation that gCB filler networks are more mechanically and thermally fragile than filler networks comprised of unmodified, commercial CBs. We can assume that the increased mechanical and thermal fragility is in part related to a somewhat reduced filler-filler interaction following graphitisation (which may be inferred from the observed drop in average surface free energy of the fillers post graphitisation) but could also include contributions from thermally activated slippage of rubber chains at the filler surface which may be a source of significant energy dissipation. 
The increased thermal sensitivity of the gCB networks makes this an interesting material with which to explore the important origins of the temperature dependence of the Payne effect in terms of the temperature dependence of polymer-filler and filler-filler interactions. A more comprehensive study involving more CB grades, severities of surface deactivation and volume fractions could should be highly informative.


Conclusion
The roles of filler-polymer and filler-filler interactions in dictating the filler network apparent at small strains in CB reinforced rubber were explored. Graphitisation of CB results in a more flocculated filler network at small strain as has been noted and discussed in previous publications [3, 15, 16]. Here we examined the strain and thermal dependence of the resulting flocculated networks which dominate the viscoelastic properties of the compounds at small strains. gCB filler networks are more mechanically fragile than their unmodified counterparts and are also significantly more temperature dependent. Thermal softening of the gCB networks along with increased viscous energy dissipation relative to their unmodified counterparts was noted. These trends in the dynamic moduli of the gCB materials result in the appearance, at temperatures far above the Tg, of a gradual rise in tan δ with temperature. Many examples of this and similar effects in crosslinked, particle reinforced rubbers can be found in the literature. Our tentative conclusion is that this effect is related to a strong thermal dependence of the filler particle network at small strains. Graphitisation of CB has been widely used to study the role of polymer-filler interactions on reinforcement of rubber. However there is still scope for using such model systems- which have been exhaustively studied at finite strains - to understand the temperature dependence of the small strain filler network and consequently the Payne effect.
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[16] Geberth E, M. Klüppel, Macromolecular Materials and Engineering, 297 (2012) 914-922.
[17] A.I. Medalia, Rubber Chemistry and Technology, 64 (1991) 481-492.
[18] R. Brown, Physical Testing of Rubber, Springer, New York, 2005.
[19] C.K.L. Davies, A.G. Thomas, K. Akutagawa, Progress in Rubber and Plastics Technology, 12 (1996) 174-190.
[20] M.L. Huang, L.B. Tunnicliffe, A.G. Thomas, J.J.C. Busfield, European Polymer Journal, 67 (2015) 232-241.
[21] C.G. Robertson, M. Rackaitis, Macromolecules, 44 (2011) 1177-1181.
[22] C.G. Robertson, C.J. Lin, M. Rackaitis, C.M. Roland, Macromolecules, 41 (2008) 2727-2731.
[23] J. Ramier, C. Gauthier, L. Chazeau, L. Stelandre, L. Guy, Journal of Polymer Science Part B-Polymer Physics, 45 (2007) 286-298.
[24] J. Ramier, Ph.D Thesis: l’Ecole Doctorale Matériaux de Lyon, Lyon, 2004.
[25] D.J. Lowe, A.V. Chapman, S. Cook, J.J.C. Busfield, Macromolecular Materials and Engineering, 296 (2011) 693-702.

image6.png

image7.png

image8.png

image9.png

image10.png

image11.png

image1.png

image2.png

image3.tiff

image4.tiff

image5.png

